Drop-tube processing was used to rapidly solidify droplets of Ni 64.7 Fe 10 Si 25.3 and Ni 59.7 Fe 15 Si 25.3 alloys. In the larger droplets, and therefore at low cooling rates, only two phases, -Ni 31 Si 12 and 1 -Ni 3 Si were observed. Conversely, in the smaller droplets, and therefore at higher cooling rates, the metastable phase Ni 25 Si 9 was also observed. The critical cooling rate for the formation of Ni 25 Si 9 was estimated as 5×10 and as yet unidentified, phase. These results indicate that there is an extended stability field for Ni 25 Si 9 in the Ni-rich part of the Ni-Fe-Si ternary system in comparison to the Ni-Si binary system. With an increase of cooling rate, an increasing fraction of small droplets experience high undercoolings and, therefore, can be undercooled into the Ni 25 Si 9 stability field forming droplets consisting of only the anomalous structure (III). The Fe atoms are found to occupy different substitutional sites in different phase, i.e. Fe substitutes for Ni in the phase and Si in the L1 2 ( 1 ) phase respectively.
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Introduction
The solidification of intermetallic compounds such as Ni 3 Si, Ni 3 Al and Ni 3 Fe has attracted significant interest due to their attractive mechanical properties [1] ; e.g. -Ni 3 Si displays a high melting point, excellent oxidation resistance and high strength at elevated temperatures.
However, like many intermetallics, limited room temperature ductility restricts potential application of these materials due to the difficulty in fabricating engineering components via conventional processing routes [2] [3] [4] [5] . One potential route to overcome this difficulty is to form intermetallic-metal matrix composites by incorporating a ductile phase into the brittle matrix, or by solidifying a ductile phase directly from the parent melt, to form a so-called insitu composite [6] [7] [8] . Another potential route to improve this lack of formability is nonequilibrium processing via rapid solidification. The resulting refined grain structure [9] [10] [11] and the presence of anti-phase domains resulting from the spontaneous ordering, in the solidstate, of initially disordered structures, gives rise to increased room temperature ductility and improved formability [12, 13] . Moreover, in this route, annealing subsequent to forming can restore the desirable high temperature mechanical properties of the intermetallic.
At the Ni-rich end of the Ni-Si phase diagram, which is shown in Fig. 1a , the main phases present are -Ni and the intermetallics -Ni 3 Si, -Ni 31 Si 12 and -Ni 2 Si. The intermetallics occurs in three forms, a low temperature polymorph, 1 , which has the L1 2 crystal structure (space group 221, Pm3m) and two high temperature forms, 2 (ordered) and 3 (disordered), both of which have the D0 22 crystal structure (space group 139, I4/mmm). For completeness, although not shown on the phase diagram, the metastable compound Ni 25 Si 9 can also be observed in Ni-rich Ni-Si alloys at high cooling rate. Ni 31 Si 12 and Ni 25 Si 9 are both rhombohederal structures, belonging to space groups 150 (P321) and 147 (P3) respectively.
Ni 2 Si is not considered further as it is not observed in this investigation.
A number of studies have been carried out into the non-equilibrium solidification of Ni-rich Ni-Si alloys, these being mostly on the eutectic composition, Ni-21.4 at.% Si [14] [15] [16] [17] [18] . The focus of these has been to understand the fundamental solidification processes occurring in these alloys. The direct solidification of -Ni 3 Si from a melt of the same composition has been studied by Ahmad et al. [19] , who performed undercooling experiments on a Ni-25.3 at.% Si alloy using a melting-fluxing technique. Based on the equilibrium phase diagram, with the -liquidus at this composition estimated at 1496 K, direct solidification to primary should have become possible for undercoolings in excess of 53 K. However, despite obtaining the required undercooling, Ahmad et al. were unable to obtain single-phase -Ni 3 Si. Instead, at all undercoolings, the solidification was always to a lamellar eutectic structure of singlephase -Ni 31 Si 12 and an Ni-rich lamellar consisting of a fine, eutectoid dispersion of -Ni and 1 . In addition, for undercoolings in excess of 132 K small amounts of the high temperature 3 -phase were observed uniformly dispersed throughout the sample. The direct formation of the low temperature 1 -phase direct from the melt was not observed, with the only source of 1 being the eutectoid decomposition of the supersaturated solid solution noted above. The measured growth velocities were extremely low, with a maximum of 0.018 m s -1 being observed at the maximum undercooling of 160 K. This is consistent with the general trend revealed by previous studies on Ni-Si alloys, namely that the solidification velocity drops with increasing Si concentration [20, 21] . Ahmad et al. also noted an exceptionally high apparent viscosity in the melt and a general resistance to nucleation of the melt, both of which they attributed to Si acting as a network former in the melt at this composition. In addition, small amounts of the metastable phases Ni 25 Si 9 were retained in the as-solidified structure, despite the low cooling rate, estimated as < 10 K s Recently, Cao et al. [22] [23] [24] have extended the study of Ni-25.3 at.% Si alloys to high cooling rates using the drop-tube technique, wherein Ni 25 Si 9 formed as the dominant phase for all particle sizes, with -Ni 31 Si 12 and 1 -Ni 3 Si also being present. Moreover, they revealed an hitherto unobserved 1 -Ni 25 Si 9 eutectic, which formed as both a regular lamellar and an anomalous eutectic, depending upon the cooling rate and undercooling experienced by the droplet. At high cooling rates, the lamellar structure consisted of very fine alternating lamellar of Ni 25 Si 9 (≈ 200 nm) and 1 -Ni 3 Si (≈ 20 nm), with the fine lamellar spacing being attributed to a very low diffusivity in the melt. This was in turn attributed to the existence of a covalently bonded Si-Si network. Moreover, they found that at the highest cooling rates an increasing fraction of droplets solidified to near single phase Ni 25 at.% alloys [16, 17] , with only a small fraction being observed in Ni-25.3 at.% Si alloy [19] .
Conversely, when high cooling rates are applied, it is readily obtained in alloys of eutectic composition. Leonhardt et al. [21] have demonstrated this by quenching the undercooled eutectic onto a chilled substrate, while Dutra et al. [25] found similar results using the meltspinning technique. By analogy with these earlier studies, Cao et al. attributed the formation and retention of the metastable Ni 25 Si 9 phase to the high cooling rates experienced during drop-tube solidification processing. However, the initial composition of the melt, close to the stoichiometry of the Ni 25 Si 9 phase, would also favour its formation if long range diffusion in the melt were suppressed by a low atomic mobility resulting from the high viscosity of the melt.
In the present work, the rapid solidification of Ni 64. 25.3 alloys are on the hypereutectic side of the -eutectic, the -Ni 3 Si phase being suppressed by the presence of iron. This is also illustrated in Fig. 1c , which shows a pseudobinary isopleth diagram in which the end members are the Ni 3 Si and Fe 3 Si compositions, also calculated, as above, using the MTDATA software. Complete suppression of the formation of can be observed for Fe concentrations in excess of 6.5 at.%. Therefore, the predicted solidification path would be for single phase to form first, which will lower the Si concentration of the remaining liquid until this equals the eutectic composition, wherein the residual liquid will solidify to the -eutectic structure.
Experimental
Master alloys of the required composition were prepared by arc-melting the elemental Particles of each size range were hot mounted using Transoptic resin. The mounted samples were ground flat using a series of progressively finer SiC papers, starting with 240, 400, 800 and lastly 1200 grit, with optical microscopy being used to check the quality of the surface finish at each stage. Once the samples were appropriately ground they were polished using 6 m, 3 m, 1 m and 0.25 m diamond paste. The samples were washed using dilute detergent and methanol and then dried using hot air between each polishing step.
Phase identification was undertaken on mounted and polished samples by X-ray diffraction using a Philips PANalytical Diffractometer with Cu K radiation. However, particularly for the largest particles, we are unable to guarantee that the mounted particles do not have any preferred orientation, and for this reason the analysis is considered as qualitative only, that is we have identified the phases present but have not attempted to undertake Rietveld refinement in order to estimate the volume fractions of those phases. Instead, in the present work, the phase formation and overall structural evolution were studied by the combination of XRD, SEM and TEM analysis. The composition of the polished samples was characterized using EDX detection mounted on a LEO 1530 Gemini FEGSEM and by microprobe analysis (Jeol 8230). Once composition analysis was complete the polished samples were etched using a mixture of Hydrofluoric Acid (5ml), Hydrogen Peroxide (5ml) and water (30ml) to reveal the microstructure for further SEM analysis. FIB was used to prepare TEM specimens, which were subsequently analysed using an FEI Tecnai F20 FEG-TEM.
Results

XRD Analysis
Fig . 2 25.3 alloy. This will be explored further using SEM and TEM analysis. There is one common problem in the XRD analysis of both alloys, namely that it is difficult to distinguish the -Ni and 1 -Ni 3 Si phases, both phases having the same cubic structure, with the lattice constants being a = 3.5244 Å and 3.5050 Å, respectively. Therefore, differentiation of these two phases has been undertaken using TEM. We note that if it is the phase being observed the result would be consistent with the equilibrium phase diagram.
Microstructure and Phase Identification
Microstructural analysis reveals that, irrespective of the alloy system, all droplets can be classified as containing one or more of three typical microstructures. As shown in Fig. 4 , these comprise: (I) a regular structure consisting of a single phase and a eutectic structure; (II) a refined lamellar structure; (III) an anomalous structure with a fine phase dispersed in a single phase matrix. To confirm the origin of these three different structures, FIB was used to prepare two TEM specimens, as shown in Fig. 5 , one for the regular structure and the other for the fine lamellar and anomalous structures, in a droplet in which these two structures were found to co-exist. TEM selected area diffraction patterns confirm that the bulk phase (I 1 ) and one of the eutectic phases (I 2 ) found in structure I is -Ni 31 Si 12 ( Fig. 6) . A selected area diffraction pattern from I 3 , the other component of the eutectic structure present in morphology I, displays super-lattice spots (Fig. 6b) . This indicates that I 3 is the ordered L1 2 phase and not the phase expected from the equilibrium phase diagram. Here, by analogy with the Ni-Si binary system, we label it as the 1 phase. A further selected area diffraction pattern analysis confirms that the wide band (I 4 ) in the fine lamellar structure (morphology II) is also -Ni 31 Si 12 (Fig. 7a) , while the matrix-phase (I 5 ) in the anomalous structure (morphology III) is identified as the metastable phase, Ni 25 Si 9 , as shown in Fig. 7b comprise only the regular structure, I. In the smaller droplets (< 212 m), some samples also comprise only the regular structure, while the remainder of the droplets present either a mixed structure comprising morphology I together with morphologies II and/or III (Fig. 8 -Fig. 10 ) or comprise only the anomalous structure, III (Fig. 11) . In order to understand the microstructural evolution with increasing cooling rate, the droplets were classified into three different categories (A, B and C) according to microstructural characteristics which were easy to distinguish under optical microscopy and for large number of particles. Type A droplets are defined as comprising only the regular structure (I). Type B droplets present mixed structures, comprising morphology I, together with one, or both, of morphologies II and III. Type C droplets comprise only the anomalous structure, III. However, because it is difficult to distinguish mixed structures comprising morphologies II and III (Fig. 10 ) under optical microscopy, these droplets were also classified as type C. This information is summarised in Table I From the above analysis it is clear that the metastable phase Ni 25 Si 9 is restricted to the anomalous structure III. This is a constituent of the type B and type C droplets, it being the dominant morphology in this latter droplet type. Therefore, the count result, displaying an increasing fraction of type B and C droplets with decreasing particle size, irrespective of the alloy composition, is consistent with the strong intensity of the Ni 25 Si 9 peaks in the XRD patterns for the small droplets. Conversely, peaks for Ni 25 particles included all three typical morphology. Fig. 13 shows the direct transition from the coarse lamellar structure to fine lamellar structure. In addition, Fig. 14 and the insets (1 and 3) in Fig. 8 microstructural evolution, with a tendency for a transition direct from morphology I to morphology III and with less prevalence of morphology II, the refined lamellar structure.
EDX Analysis
The average elemental compositions of the bulk droplets, together with the local composition of the -Ni 31 Si 12 phase were measured using EDX. In each size range, area scans on at least 10 random particles were performed to determine the bulk average composition. To determine the composition of -Ni 31 Si 12 , 20 spectra were obtained from different grains. the composition of the anomalous structure is close to the composition of the respective bulk alloy. This is consistent with the identification that the matrix of the anomalous structure is single-phase Ni 25 Si 9 (with Fe substituting for Ni). Line scan results for adjacent regions of the anomalous and regular structures (Fig. 16b) , show that the average Ni, Fe and Si composition of the metastable phase is in between the average values of the gamma phase and the eutectic area.
Discussion
According to the XRD diffraction patterns, only the -Ni 31 As can be seen in Fig. 4 , the regular structure (I) seems superficially to be as expected from the equilibrium phase diagram, i.e. for a hyper-eutectic composition we observe single phase regions and a eutectic. TEM analysis confirms that the single phase regions (I 1 ) and one of the phases (I 2 ) in the eutectic are . According to the equilibrium phase diagram, the other phase, I 3 , in the eutectic should be -Ni. However, the TEM diffraction pattern from the phase I 3 displays super-lattice reflections, which identifies I 3 as the L1 2 ( 1 ) phase and notNi. Unfortunately, the individual phases within the eutectic structure are too fine to make reliable composition measurements. However, the bulk average composition of the eutectic structure in the droplets of the Ni 64.7 Fe 10 Si 25.3 alloy can be determined and is 60.27, 19.11 and 20.63 at.% for Ni, Fe and Si respectively. On the assumption that the composition of the phase in the eutectic is the same as that of the single phase region, and knowing the bulk composition of the eutectic region, we can estimate the approximate composition of the L1 2 phase. High resolution TEM images allow us to estimate the volume ratio of the phases L1 2 : as 1.2±0.2, wherein we would estimate the composition of the L1 2 region via a mass balance calculation to be 25.75±1.34 at.%, 17.18±0.69 at.% and 57.07±0.65 at.% for Fe, Si and Ni respectively. With reference to the ternary phase diagram, an alloy with this composition would be within the -Ni stability field. However, the eutectic formed here is between and 1 , which suggests that under rapid cooling Fe stabilises the formation of the L1 2 ( 1 ) phase. Moreover, noting the Si content is  17 at.%, we would surmise that there must be some substitution of Fe for Si in the L1 2 phase.
The formation of the L1 2 phase in Ni-rich Ni-Fe-Si alloys has previously been studied by Himuro et al. [27, 28] , who observed that the L1 2 Instead, these results appear to indicate the substitution of Fe for Ni, and not Si, in  which is consistent with the chemical similarity of Fe and Ni. TEM analysis confirms that the L1 2 phase obtained in the present work is single phase (Fig. 17) , i.e. we are not seeing a mixture of the and L1 2 phases, which would skew the estimated composition analysis for the L1 2 phase. Therefore, these results are consistent with the description by Himuro et al. that the Fe atoms present different behaviour substitution behaviour depending upon the Ni concentration of the host phase.
In terms of the droplet morphologies observed, as opposed to the phases present, a fairly straightforward picture may be put forward. The largest droplets will experience both low cooling rates and, therefore, relatively low undercooling. Near equilibrium solidification is experienced which, for a hypereutectic alloy, will result in the growth of single phase followed by solidification of the eutectic. These are the droplets we have categorised as Type A. The caveat however is that, as discussed above, the eutectic formed is between and , rather than between and , as would be expected from the equilibrium diagram. Conversely, the smallest droplets will experience the highest cooling rates and, therefore on average, also high undercooling, wherein the melt may be undercooled directly into the Ni 25 Si 9 stability field. Given the proximity of the Ni 25 Si 9 stoichiometry (26.47 at.% Si) to the composition of the melt, solidification to (near) single phase Ni 25 Si 9 results. These are the droplets we have categorised as Type C.
The most complex microstructural evolution is observed in droplets in the intermediate size range, wherein a range of mixed structures arises (Type B droplets). Here, we attribute this variation to the interplay of cooling rate and undercooling. To a good first approximation, droplets of the same size will be subjected to the same cooling rate. However, it is not true that all droplets of the same size will solidify at the same undercooling, as this is controlled by nucleation which is a stochastic process. Solidification of the liquid might be catalysed by a potent nucleation site, such as an oxide, and in such cases, deep undercooling would not be expected. However, the catalytic effect of active nuclei can be restricted by dispersing the liquid into a large number of small droplets that solidify individually [29] , as is the case in the drop-tube. In this stochastic process, a range of undercoolings will result. At a given particle diameter an upper limit to the undercooling achieved can be estimated from the average nuclei density in the melt according to the model of [20] , but many droplets will achieve a much lower undercooling. Estimates of the cooling rate and undercooling in the drop-tube environment are given in Fig. 18 , with the parameters used in this calculation being given in Where mixed structures are observed within a single droplet this could be due to multiple nucleation. In the model described by Ahamd et al. [19] , it has been postulated that the viscosity of the melt with 25 at. % Si is high due to the existence of a covalently bonded Si-Si network. Under the conditions of a rapidly cooling droplet and a sluggish growth front, multiple nucleation might be favoured if the liquid ahead of the growth front cools significantly prior to the growth front reaching it, thereby activating more nuclei in the melt.
In this model the mixed structures I and III would result from independent, but near simultaneous, multiple nucleation events. Furthermore, the refined lamellar structure might result from the solidification of the remaining liquid, resulting in the mixed structure of types I, II and III. There are also some droplets containing a small fraction of the refined lamellar structures, which are surrounded by a large fraction of the anomalous structure, as shown in Fig. 10 . This might imply that, in the final stage of the anomalous structure formation, the solidification converted to the growth of the refined lamellar structure. 
